Nanoindentation is a convenient method to investigate the mechanical properties of materials on small scales by utilizing low loads and small indentation depths.
Introduction
With the rapid development of nano-technology, the mechanical behavior of materials on micro and nano scales has become an important subject of scientific investigation, and differences between micro-scale and macroscopic mechanical properties have received increasing attention [1] [2] [3] . Indentation testing is one of the most convenient methods to investigate the mechanical response of materials on micro and nano scales because of its comparative simplicity, the possibility to probe material microstructures in small volumes near the surface of any bulk sample, and its capabilities in testing thin films where tensile experiments are difficult to perform [4] .
In polycrystalline metals consisting of many grains that are separated by grain boundaries (GBs), plastic deformation is mainly mediated by dislocation glide.
Therefore, dislocation microstructure evolution and the interaction between dislocations and GBs plays a significant role in controlling the strength and deformation properties of metal polycrystals. The GB-dislocation interaction mechanisms are most conveniently investigated by studying bicrystals, where the existence of only one GB simplifies the problem to a significant extent [5] [6] [7] [8] [9] [10] [11] . Soer et al. [6, 7] conducted nanoindentation experiments on Fe-Si bicrystals and Mo bicrystals, and observed that the load-depth curves were punctuated by two displacement jumps ("pop-in events") which they interpreted as respective signatures of grain interior yielding and of dislocation transmission through the GB. Theoretically, these authors used a gradient plasticity framework in conjunction with a Hall-Petch approach to analyze the deformation curves and to establish criteria for slip transmission across GBs [7] . Zhang 3 et al. [8] carried out nanoindentation on copper bicrystals and found that the hardness first increases and then decreases with increasing indentation depth. They pointed out that this phenomenon is related to the interaction between dislocations and GB. Due to the resistance of the GB to dislocation motion, dislocations accumulating in front of the GB cause a back stress in the grain interior, so that a kinematic hardening effect can be observed. However, as the indentation depth increases, the accumulated dislocations penetrate through the GB once the resolved shear stress acting on the dislocations exceeds a critical value and then expand freely in the adjacent grain, leading to softening. From the aforementioned experimental results, it can be clearly seen that the GB plays a significant role in the mechanical response of bicrystals, and by extension of polycrystalline materials.
In nanoindentation experiments, various techniques have been used to characterize the dislocation configuration around the indented area, such as Transmission Electron Microscopy [12, 13] and newly-developed Electron Channeling Contrast Imaging under controlled diffraction conditions [14] . However, it is still difficult to quantitatively analyze the dislocation distribution or to monitor its evolution during deformation in situ. Therefore, numerical simulation remains an excellent tool to investigate those aspects of plasticity during nanoindentation that cannot be directly accessed by experiment, and to interpret easily accessible experimental information (such as load displacement curves) in terms of microstructural mechanisms. Currently, the crystal plasticity finite element method (CPFEM) and molecular dynamics are the main tools used for nanoindentation simulations. Li et al. [15] performed CPFEM simulations to investigate the effects of grain orientation and grain geometry on the indentation response of a polycrystalline 2024 aluminum alloy. The simulation results showed that stress and misorientation distributions are continuous across low angle GBs, while high angle GBs act as strong barriers for plastic slip and lead to stress concentration at the GBs. Liu et al. [9] reported that the indentation responses of copper single crystals and copper bicrystals in CPFEM simulations were almost identical. This illustrates an important limitation of the above-mentioned crystal plasticity models, which only considered the different crystallographic orientations in different grains but 4 not the different processes which govern plasticity in the bulk and near GBs on the microstructure level. Thus, the most important effects of GBs on the indentation response of materials could not be captured, and therefore, a different modelling approach, which adequately accounts for the relevant physical processes at and near GBs, is required. Compared with CPFEM simulation, DDD simulation has great advantages in this respect since it provides complete information regarding the evolution of dislocation microstructures and thus can account for differences between dislocation behavior in the bulk and near GBs. Because DDD simulations of nanoindentation need to deal with inherently nonlinear contact problems associated with the evolving substrate-indenter contact, simulation schemes must be used that are capable of dealing with general boundary conditions. Indentation size effects and influences of indenter shape were investigated by two-dimensional DDD simulations on single crystals [16, 17] , by using the method introduced by Needleman and Van der Giessen [18] which couples DDD with FEM to evaluate dislocation interactions in terms of surface-corrected infinite-body dislocation stress fields. Two-dimensional DDD simulations on polycrystals also captured the effects of grain size and indentation depth on indentation response [19, 20] . The first three-dimensional (3D) DDD simulation of nanoindentation was conducted by Fivel et al. [12] . They used a DDD model with coarse-grained dislocation cores, which they coupled with FEM in order to handle the contact boundary value problem and study the plastic zone of indentation.
Recently, Hu et al. [21] used similar methodology to investigate the correlation of incipient plasticity with dislocation nucleation and multiplication during indentation.
Po et al. [22] used a scheme that couples DDD with the boundary element method to simulate nanoindentation of copper single crystals, and studied the effect of indenter shape on indentation hardness and dislocation structure. However, to the best knowledge of the authors, few studies have so far investigated the effect of GB on nanoindentation by using 3D DDD, which requires the introduction of an adequate GB model into the 3D DDD framework. Therefore, our focus is on the simulation of bicrystal nanoindentation, using a framework which couples FEM and 3D DDD with a penetrable GB model. The simulation aims at revealing the characteristics of 5 dislocation evolution and the mechanisms of GB-dislocation interaction during nanoindentation, in order to understand better the effects of GB-dislocation interaction on the mechanical response of polycrystalline materials in general. This paper is organized as follows. First, the multiscale discrete dislocation plasticity model and GB model are briefly described. Second, indentation simulations on bicrystal events are performed to analyze the initial pop-in event, GB pop-in event and the variation of hardness versus distance to GB. Then, we use the simulation data to construct a phenomenological model using a Hall-Petch type relation in conjunction with the spatio-temporal evolution of geometrically necessary dislocation density to analyze the GB hardening effect in terms of a pile-up model. In conclusion, the main findings are summarized.
Multiscale dislocation dynamics framework and GB model
DDD allows to analyze plastic deformation mechanisms during nanoindentation by tracking the evolution of the dislocation microstructure. However, DDD was originally developed as a bulk simulation method and encounters challenges when dealing with complex boundary conditions. This poses particular problems in nanoindentation simulations because of the inherently nonlinear contact problem. On the other hand, FEM is a convenient simulation method to solve complicated boundary conditions. Therefore, a hybrid (multiscale) model that couples DDD with FEM is the method of choice [12, 23, 24] . In this work, the 3D discrete-continuous model (DCM) initially developed by Zbib et al. [25, 26] and improved by Jamond et. al. [27] and Huang et al. [28] is used. This model has several advantages [28] . The elastic-plastic problem is treated in a multiscale framework where the (discontinuous) plastic strain obtained from the DDD simulation is coarse grained to yield smoothly varying stress and plastic strain fields on the FEM scale. At the same time, in the DDD simulation, the thus evaluated coarse-grained FEM stress fields are corrected to account for the high stress fields close to the dislocation lines and thus to correctly represent the interaction of nearby dislocations, which is underestimated in traditional DCM approaches. [25, 26, [29] [30] [31] . In this work, use the DCM famework described in Ref. [29] 6 which we generalize, in order to investigate GB effects in the indentation responses of bicrystals, by introducing a 3D penetrable GB model into the DDD calculations.
Basic idea of multiscale coupling in DCM
The basic idea of multiscale DCM as introduced in [27, 28] can be summarized as follows: In 3D DDD, the stress field exerted by the dislocation ensemble on a segment n is normally represented as a sum over segment stress fields,
where the segment stress fields graining schemes see [28] .) The coarse grained stress field correctly captures the structure of the dislocation stress field on scales much larger than a, but due to the coarse graining it misses the high stresses near the dislocation line singularities and therefore cannot correctly describe the interactions of nearby dislocations. 
the overall incremental eigenstrain is obtained by summation over all segments, and the overall eigenstrain is obtained by summation of the incremental eigenstrains over all time steps. We now define a coarse grained eigenstrain where we spread the Burgers vector of the dislocation, using the same coarse graining function () a w r as used for direct evaluation of () a σr. Furthermore, we restrict the evaluation of the coarse grained eigenstrain to the sphere Sn, which ensures both numerical efficiency and conceptual consistency of the coarse graining procedure. Thus we evaluate the coarse grained eigenstrain created by a segment sweeping the area dA as Finally, the thus evaluated eigenstrain is used to determine, using standard Finite Element methodology, the coarse grained stress field () a σr in a manner that accounts naturally for the imposed boundary tractions and/or displacements. 
DDD-FEM coupling: technical aspects
where ,, 
where ,,
x y z are the global coordinate of the element center, and ,, Finally, the total stress which drives dislocation motion is obtained by adding the shortrange stress
Finally, we make a line-tension correction LT n F to correctly represent the interaction of adjacent segmetns of the same line, and thus we obtain the total force on the dislocation as
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The velocity of the dislocation is determined from this force assuming a linear mobility law:
where = × is the dislocation glide direction and B is the viscous drag coefficient, which is taken to be 4 10 Pa s   in this work [28] .
Computational efficiency of the DCM model
DCM as described here is, from the point of view of computational efficiency, superior to standard 3D DDD when it comes to simulating large systems with general boundary conditions. The use of FEM to evaluate the long-range dislocation stress fields makes it not only possible to handle general boundary conditions. It also allows to truncate the summation over segment stress fields, thus reducing the computational cost of evaluating segment-segment interactions to order N while still being able to use simple analytical expressions in the summation. At the same time, the fact that we use coarse grained eigenstrains in the FEM calculations results in a slow spatio-temporal variation of the FEM stress as compared to the interaction stresses of nearby dislocations.
Therefore, the FE time step can be increased to up to 40 times the DDD time step (one FE step per 40 DDD steps) without compromising the accuracy of the simulations. The length-and time scale separation between DDD and FEM thus significantly enhances the computational efficiency of DCM: On the one hand, the number time-consuming FE calculations can be restricted, on the other hand, in DDD the time-consuming summation over the interaction stresses of distant dislocation segments is avoided since these interactions are accounted for by the FEM stress field.
GB model
In the present work, we adopt a 3D penetrable tilt GB model proposed by Fan et al. [5] to handle the interactions between dislocations and GBs. In this model, two GBdislocation interaction scenarios were considered, namely, dislocation penetration 12 through GBs and dislocation emission from GBs. As shown in Fig. 3 , two adjacent grains with misorientation angle  are separated by a symmetric tilt boundary, such that the slip planes I and II have a common line of intersection with the GB. 
The critical resolved shear stress CRSS  can be calculated from the energy conservation law as
where the first term on the right-hand side represents the energy increase of the grain boundary with gb E being the GB energy density. 
where the parameters kare 600 mJ/m 2 20°70°, respectively, as used in Ref. [33] . In the present paper, the misorientation angle  is set as 5°. Therefore, Egb can be expressed as
Combining Eqs. (6), (7), (9) and considering that bI = bII = b, the critical resolved shear stress for dislocation penetration can be expressed as
where
  bt . With increasing number of dislocation penetration events, the energy of the dislocation debris on the GB also increases and a mechanism to release the corresponding energy is needed. It has been experimentally confirmed that steps and ledges on GBs are important nucleation sites for dislocations [34] . Such a nucleation/emission event is schematically illustrated in Fig. 5 : the dislocation debris (colored in green) with total Burgers vector 
Dislocation emission occurs as soon as any Burgers vector e b consistent with Burgers vector conservation fulfills this inequality. Based on these rules, the grain and the slip plane of the emitted dislocation e b can be determined.
Simulation setup
The FEM indentation model (generated by Ansys ® ) is shown in Fig. 6(a) . We simulate indentation with a Berkovich-type diamond indenter with a half-angle of 65.3 . Since the elastic modulus of the indenter is much higher than that of the indented material, the indenter is in the simulation modeled as a rigid body. One side of the indenter is assumed to run parallel to the intersection line of GB plane and indented surface, as shown in Fig. 6(a) . The dimensions of the indented sample in X, Y and Z directions are lx=1400b, ly=1200b and lz=600b, respectively, where b is the magnitude of Burgers vector and chosen as 0.25 nm in this paper. Furthermore, the height of the indented sample is set to be ten times larger than the maximum indentation depth of 44b, such as to make the indentation response approximately independent of model size [36] . 20-node hexahedral elements (SOLID 186 in ANSYS) were used to improve the accuracy of the FE calculation. As the nanoindentation simulation involves a contact problem and the contact area between indenter and indented material is relatively small, the FE mesh underneath the indented region was refined (see Fig. 6(a) ). All FE nodes on the bottom surface of the sample are completely constrained, while the four surrounding surfaces are free. The displacement of the indenter along the z direction is increased at fixed rate. Contact between indenter and sample is assumed rigid. 
 
, in agreement with our reference simulations [37] .
The indentation simulation considers displacement-controlled loading with the indenter displacement rate h chosen such as to impose a constant indentation strain rate / hh  1×10 4 s -1 . In the simulations, typical material parameters of aluminum bicrystals are used. These parameters are listed in Table 1. 17 Grain boundary (GB) parameter
Results

Pop-in event
During nanoindentation, discontinuities on the load-depth curves can be observed, which are related to the first activation and multiplication of dislocations under the indenter tip. These events indicate the transition from elastic to elasto-plastic response of the indented material. In the load-controlled loading mode, the load-depth curves display a displacement excursion known as initial "pop-in" phenomenon, whereas an abrupt load drop is observed in the case of displacement-controlled loading [38, 39] .
In order to avoid artefacts due to the stochastic nature of the plastic response in dislocation dynamics simulations and to ensure that observed pop-in like features constitute generic characteristics of indentation behavior rather than mere fluctuations, three simulations with a distance from indenter to GB of 50b were conducted. These three simulations use different initial dislocation configurations but the same initial dislocation density and average dislocation length. Pop-in events were observed in all three cases, as shown in Fig. 7 , where it can be seen that the pop-in events on the loaddepth curves (Figs. 7g, 7h and 7i ) all appear at the first dislocation activation (Figs. 7d, 7e and 7f). This indicates that the initial pop-in is associated with the activation of dislocation sources and the subsequent dislocation multiplication [13, 40] , as observed in previous experiments [40, 41] . It should be pointed out that although the indentation 18 loading was realized in displacement-controlled mode, the load-depth curves show a pop-in phenomenon rather than a sudden load drop. The absence of a load drop probably results from the low data output frequency. In the simulation framework, the simulation results are exported every 40 steps, thus some significant data points may be neglected. Besides the initial pop-in event resulting from the first activation of dislocations, a displacement burst known as GB pop-in can also be observed when dislocations penetrate through GBs. Fig. 8 shows the dislocation structure before and after such a penetration event, and the corresponding load-depth curve, again with a GB-indenter distance of 50b. As shown in Fig. 8(a) , a large number of dislocations accumulate in front of the GB, which suppresses the further movement of dislocations during loading.
However, as the indentation depth and the stress acting on the GB gradually increase, 19 the dislocations are transmitted through the GB and leave dislocation debris (red lines in Fig. 8(b) ) on the GB once the resolved shear stress acting on a trapped dislocation reaches the critical value for dislocation transmission, Eq. (15). As shown in Fig. 8(c) , at the moment of dislocation transmission through the GB, a GB pop-in phenomenon appears on the load-depth curve due to the sudden release of stress underneath the indenter. In nanoindentation experiments, similar pop-in events on the load-depth curves have been observed when a sufficient number of dislocations simultaneously penetrate through a GB [11, 42] , which qualitatively agrees with our simulation results. Similar to the initial pop-in event, the GB pop-in events obtained from simulations are not as pronounced as in experiment, since the number of dislocations simultaneously transmitted and the dimension of the simulated model are much smaller than in typical experiments.
Besides the pop-in phenomena coming from the transition from elastic deformation to elasto-plastic deformation and from dislocation transmission through GB, the intermittent operation and multiplication of dislocation sources can also induce subsequent pop-in events or fluctuation phenomena on the load-depth curve, as shown in Fig. 9 .
In summary, from the above analysis it can be inferred that the essence of pop-in phenomena is the motion of a large number of dislocations, which generally occurs at the moment of initial yield (first dislocation source activation) of the material and at the 20 moment when dislocations are first transmitted through GB and expand into the adjacent grain. 
GB influence on indentation hardness
In order to obtain reliable results, five simulations with different initial dislocation structures (initial pinned line segments are randomly distributed underneath the surface, with the segment length statistics and overall dislocation length being the same) were performed and the resulting load-depth curves were then averaged to get the final hardness value. In order to separate the dependence of indentation hardness on indentation depth from the dependence of indentation hardness on the distance to GB, two typical indentation depths of 32b and 42b were chosen to study the GB effect on hardness. Fig. 10 shows the relationship between indentation hardness and the distance from indenter to GB at the indentation depths of 32b and 42b. In this figure 
Discussion
In order to provide a quantitative interpretation of the GB hardening phenomenon observed in our simulations (Fig. 10) , we determine the spatial distribution of geometrically necessary dislocations (GND) underneath the indenter. We use this information to establish a mathematical model that allows us not only to evaluate the dependence of hardness on distance to GB and on indentation depth, but also evaluate the GND density between GB and indenter in quantitative terms.
GND distribution
22
One of the most significant advantages of DDD simulation is that it provides insitu information about the evolution of the dislocation structure. From the discrete dislocation arrangement, a coarse-grained GND density tensor can be obtained by using the method proposed by Aifantis at al. [43] . This method has been adopted by Zhang et al. [43] to investigate how the internal length scale in strain gradient theory relates to parameters of the dislocation microstructure. The GND tensor along the x axis (averaged over the sample y and z directions) can be determined from the following equation [43] :
where () Vx  is the volume of a slice that is centered at x and oriented perpendicular to the x axis (i.e. in our simulations: parallel to the GB). i I is the line vector of a dislocation segment i located within the volume () Vx  , and i b is the Burgers vector of the segment. The symbol "< >" denotes an average over multiple simulations.
According to Zhang et al. [44] , only two components of the GND tensor, 23  and 32  , are related to the normal plastic strain gradient along the x axis which we characterize here in terms of the values of 23  and 32  , averaged over thin slices across the sample taken parallen to the GB. Fig. 11 shows contour plots of this quantity versus the position x and indentation depth h for various GB-indenter distances.
Let us first discuss, for reference, the behavior expected for indentation of a smaple without GB. In that case, the 23  and 32  components of the GND tensor are expected to be zero directly underneath the indenter tip: Because of symmetry, this is a location of maximum plastic strain, where the strain gradient perpendicular to the indentation direction and accordingly the corresponding GND tensor components must be zero. As we pass underneath the indenter, the strain gradient changes sign and at some distance from the indenter we expect the GND density to reach a maximum, the position of which indicates the characteristic extension of the plastic zone. The GND surrounding 23 the indenter tip create a back stress, which decreases with increasing extension of the plastic zone and may be fully or partly responsible for the indentation size effect. We now look at the GND distribution observed during indentation close to a GB (Fig.   11 ). We still find a GND density maximum on the side of the indenter facing away from the GB, which is little affected by the GB-indenter distance. On the side facing the GB, on the other hand, the motion of dislocations is initially constrained to the region enclosed between indenter and GB, and accordingly the GNDs are shifted closer to the indenter and their density in the region enclosed between indenter and GB increases.
The corresponding back stresses delimit dislocation activation underneath the indenter and thereby increase the flow stress required to maintain deformation activity within the plastic zone. At the position of the GB (x=0), the GND density in all cases reaches a pronounced maximum due to dislocation pile-up. The height of this maximum is 24 delimited by the effect of dislocation transmission, which occurs once the GND piling up against the GB create a critical forward stress sufficient to induce dislocation transmission. The overall scenario of dislocation pile up, dislocation back stresses controlling plastic flow in the active zone, and dislocation transmission, is very similar to the scenario envisaged in the classical pile-up theory of Hall-Petch hardening. We now proceed to formulate this analogy in quantitative terms.
Theoretical interpretation: Modified Hall-Petch effect
To capture the observed GB effect on hardness and the associated GND distribution in quantitative terms, we first need to point out one essential difference between the present situation and the situation in a polycrystal. In polycrystals, a single characteristic length (the grain size) controls the slip distance of dislocations. In our simulations, as in real indentation experiments near GB, this role is shared by the distance from the indenter to the GB on the one hand, and from the indenter to the boundary of the plastic zone on the other hand.
We account for this dual dependency by introducing an effective plastic zone radius via
where η is a fit parameter and 2 ( ) 24.5 A h h  is the projected area underneath the indenter, which we identify with the cross section of the plastic zone in absence of a GB. Eq. (13) is motivated by the following considerations: (i) in the limit d , the GB effect becomes asymptotically irrelevant and Reff is equal to the equivalent radius of the area A; (ii) in the limit d=0, the GB exactly bisects the plastic zone. Hence, the characteristic area over which dislocation loops can expand is reduced exactly by a factor 0.5, from A to A/2; (iii) in the general case, Eq. (13) provides a simple analytic interpolation between these limits where the empirical factor η determines the relative influence of d on the plastic zone size. 25 Taking eff R to be the effective radius of a circular slip zone in which disloations are piling up tangential to the GB, we can use standard relations of the theory of dislocation pile-ups to derive a modified Hall-Petch relationship for the indentation hardness, indenter, it would in fact be quite impossible for them to do so, given the absence of a hard boundary.
To check whether our model, despite these caveats, possesses predictive power regarding the distribution of dislocations, we focus on the area of interest between GB and indenter. We characterize the GND density in this area in terms of the averaged GND tensor component magnitude GND 
Conclusions
In the present work, 3D multiscale DDD has been coupled with a penetrable GB model to simulate nanoindentation of aluminum bicrystals. Initial pop-in and GB popin events were observed on the load-depth curves and the relationship between hardness and distance to GB was investigated and interpreted. The main findings are summarized as follows:
(1) A dimensional multiscale modeling framework has been established which couples three-dimensional discrete dislocation dynamics with the finite element method.
By considering the physical interaction mechanisms between dislocations and penetrable GBs this famework provides an efficient tool to investigate GB effects on the nanoindentation of bicrystals and polycrystals.
(2) The first pop-in phenomenon in the nanoindentation load-depth occurs at the moment of the first activation or nucleation of dislocations beneath the indenter, indicating the transition from elastic to elasto-plastic response of the indented material.
The pop-in events occurring after the initial pop-in are mainly due to dislocation transmission through GB and the intermittent operation of dislocation sources.
(3) Due to the GB hardening effect, the indentation hardness of a bicrystal increases with decreasing distance between indenter and GB. This GB effect superimposes on the indentation size effect related to the plastic zone width and thus the indentation depth. The underlying dislocation microstructure shows that the GND 28 density between indenter and GB increases with decreasing GB-indenter distance, leading to enhancement of GB hardening.
(4) The interplay between GND accumulation and back stresses on the plastic zone can be captured by a pile-up model where the effective radius of a slip zone depends both on indentation depth and on indenter-GB distance. The model leads to a modified
Hall-Petch relation which correctly predicts the dependence of hardness on both parameters, and which at the same time allows to quantitatively predict the GND accumulation between GB and indenter. This is particularly remarkable because we observe in this region that increasing indentation depth and decreasing overall hardness go along with increasing GND density, a finding which is difficult to reconcile with
Taylor-based theories of indentation size effects but which, in our analysis, can be readily explained in the context of a pile-up theory. The theory of dislocation pile-ups in circular and elliptic slip zones was developed by
Eshelby [45] , using the close analogies with the problem of shear cracks and of ellipsoidal inclusions. Here we mainly refer to the very useful compilation of results by Li and Chou [46] . Consider the displacement across a circular slip zone S of normal vector n and radius R, which is populated by dislocations of Burgers vector b.
Assume that the dislocations inside the slip zone are in equilibrium under a shear stress , and that the critical flow stress for a dislocation to move is 0  . The displacement field across the slip zone then has the radially symmetric form
where r is the radial coordinate [46] . , to obtain an equivalent relation for an axial yield stress  . Next, we multiply with a constraint factor C to convert this yield stress into a hardness value HC   .
In applying this procedure a word of caution is appropriate. The constraint factor as introduced by Tabor [47] accounts for the fact that the material within the plastic zone pushes against the surrounding, plastically undeformed material and accordingly experiences a back stress in form of a hydrostatic pressure. This pressure, in turn, reduces the shear stress driving plastic deformation, which therefore can only proceed if an enhanced force is exerted on the indenter. For metals where the bulk axial yield stress is much less than the elastic modulus, a calculation assuming ideally plastic behavior and an isotropic Von Mises type yield surface leads to a constraint factor 3 C  which relates the hardness to the uniaxial yield stress.
However, in the present case the assumptions of ideally plastic behavior and plastic isotropy are surely unwarranted. In fact, the entire model outlined above is built on the assumption that plasticity is confined to platelet-like slip zones which follow crystallographic slip planes, and in which significant back stresses are building up, indicating kinematic hardening. Furthermore, one might argue that the model already accounts for the back stress of dislocations pushing against the boundary of the plastic zone, and that the inclusion of a constraint factor runs into the danger of counting these stresses twice. 31 It is therefore fortuitous that an actual evaluation of the constraint factor for the present simulations demonstrate that this factor is irrelevant even if we take it into account. To this end, we evaluate the relationship between hardness and axial yield stress using the results of Johnson [48] In the following we use the above calculated confinement factor 1.17 C  which corresponds to the asymptotic hardness we expect for indentation distant from a GB, and which is close to the lower limit 1.1 C  below which the calculation of a plastic confinement factor becomes meaningless [48] . We emphasize that our results would change little if this factor were left out altogether.
From this result, the GND tensor due to the considered slip zone derives as  ] 
